Introduction
Instrumented indentation is a versatile technique to probe local mechanical properties of films and/or bulk materials [1, 2] . In principle, a well-defined body is pressed into the surface of a material while measuring both the applied load and penetration depth. The obtained data can subsequently be analyzed to determine the mechanical properties of the indented material. Regarding elastic modulus, in particular, quantitative analytical analysis methods are available [3, 4] . With the aid of the elastic-viscoelastic correspondence principle, these methods are also applicable to quantitatively assess viscoelastic properties [5] [6] [7] [8] [9] . With respect to large strain mechanical properties, the analysis of indentation data is less straightforward. Even for the determination of yield strength, a direct analytical method of analysis is not available and an estimate can only be obtained using empirical scaling laws. Although these have been proven to be quite useful, the scaling factor between hardness and yield strength is not universal for all materials [10] [11] [12] .
The development of FEM-based analysis methods has opened up new possibilities. Supported by the development of appropriate finite-strain constitutive relations, detailed analysis of local deformation and stress fields is feasible. An excellent example is the work of Larsson's group on Vickers [13] and Berkovich [14] indentation of elasto-plastic materials. In the case of polymeric materials, the analysis of such a contact problem is complicated due to the complex large strain behavior, characterized by a pronounced strain rate and pressure dependence of the yield stress and a post-yield response, which is governed by a combination of strain softening and strain hardening. In the case of amorphous polymer glasses, considerable effort has been directed towards the development of 3D constitutive models capable of capturing the experimentally observed intrinsic behavior, especially by, for example, the group of Mary Boyce at MIT [15] [16] [17] , the group of Paul Buckley in Oxford [18] [19] [20] , and in our Eindhoven group [21] [22] [23] . These developments have enabled a quantitative analysis of localization and failure in polymer glasses [22, [24] [25] [26] [27] [28] [29] and revealed the crucial role of the intrinsic post-yield characteristics on macroscopic strain localization.
Van Melick et al. [28] were the first to apply such a constitutive model to spherical-tip indentation of polystyrene (PS) for the analysis of radial craze formation. They demonstrated that the load-penetration depth curves could be well reproduced for different indentation speeds by numerical simulations, using the Eindhoven Glassy Polymer Model (EGPM) [21] . In a subsequent study, Swaddiwudhipong et al. [30] showed that the same model was unable to describe the Berkovich indentation response of another glassy polymer; polycarbonate (PC). To reproduce the response at different indentation speeds correctly, they required an additional strain gradient effect. It should be noted, however, that they adopted the parameters for polycarbonate from Govaert et al. [21] without verifying that this set was appropriate for the thermodynamic state of their own polycarbonate samples. In a more recent study, Anand and Ames [31] presented an extension of the BPA model [16] , which proved successful in describing the conical-tip indentation of PMMA, albeit at a single indentation speed.
In the present study, we demonstrate that the constitutive model (EGPM), developed by our group [22] , is also capable of quantitatively describing the indentation response of PC and PMMA over a range of indentation speeds. A flat-ended cone was chosen as the indenter body, since this specific tip geometry results in a load-penetration depth curve, in which elastic and plastic ranges are clearly distinguishable. At low indentation depths, the response is governed by elastic deformation, whereas, at large depths, plastic deformation sets in, leading to a marked change in slope and resulting in a characteristic knee-shaped load-displacement curve [11, 32, 33] . Moreover, we will show that this is accomplished by using a parameter set, which also quantitatively describes the materials mechanical response in macroscopic testing.
Finite strain deformation of glassy polymers

Phenomenology
To study the intrinsic stress-strain response of polymers, an experimental set-up is required in which the sample can deform homogeneously up to large plastic deformations.
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Examples of such techniques are uniaxial compression tests [15, 34] or video-controlled tensile tests [35] . An illustrative example of the intrinsic stress-strain response of a polymer glass is presented in Figure 1a . Typical features are strain softening, the decrease in true stress that is observed after passing the yield point, and strain hardening at large deformations. Strain hardening is generally interpreted as the result of a stress contribution of the orienting molecular network [15, 34, 36, 37] . Strain softening is closely related to the fact that polymer glasses are not in a state of thermodynamic equilibrium. Over time, the glass will strive towards equilibrium, a process usually referred to as physical aging [38] and, as a result, its mechanical properties change. This is demonstrated in Figure 1a , which compares the intrinsic response of two samples with different thermodynamic state. It is clear that physical aging results in an increase of both modulus and yield stress but, upon plastic deformation, the differences between the curves disappear and eventually they fully coincide at a strain of approximately 0.3. Apparently, all influence of thermal history is erased at that strain and both samples are transformed to a similar, mechanically 'rejuvenated' state. From Figure 1a , it is clear that an increase of yield stress, due to a thermal treatment, will directly imply an increase in strain softening. The influence of molecular weight on the intrinsic response is usually small and negligible [20, 22] , which makes thermal history the key factor in influencing the intrinsic properties of a specific polymer glass. The thermal history is also reflected in the long-term failure behavior of polymer glasses. This was demonstrated for PC, where an annealing treatment, leading to an increase in yield stress, improved the life-time under constant stress by orders of magnitude [39] . The intrinsic stress-strain response of glassy polymers also displays a pronounced dependence on the time-scale of the experiment. This is illustrated in Figure 1b , where the strain-rate dependence of the compressive stress-strain response of poly(methylmethacrylate) (PMMA) is shown [40] . It is clear that, with increasing strain rate, the overall stress level in the yield and post-yield range increases. Also, the amount of strain softening and strain hardening appears subject to change. At strain rates over 3 Â 10 À2 s À1 , the material heats up due to viscous dissipation and, as a result, strain hardening disappears [41] .
The strain-rate dependence of the yield stress for PMMA and PC is shown in Figure 2a . For the latter, the yield stress increases linearly with the logarithm of strain rate, which indicates that in this range of strain rates the deformation of PC is governed by a Philosophical Magazine 679 single molecular relaxation process [42, 43] , i.e. the amorphous -transition (main-chain segmental motion). Although this paper only focuses on the isothermal response, it is relevant to note that the -stress contribution displays an Arrhenius-type temperature dependence, which leads to a horizontal shift of the yield stress characteristic along the logarithmic strain rate axis. This type of behavior is generally referred to as thermorheologically simple behavior. In the case of PMMA, the strainrate dependence of the yield stress displays a clear change in slope, which was shown to be related to onset of a stress contribution of a second molecular process -the -transition [44, 45] -a secondary glass transition related to side-chain mobility. A successful description of such a yield response is obtained using a Ree-Eyring approximation, where, as schematically represented in Figure 2b , it is assumed that each process can be described with an Eyring flow rule, whereas the stress contributions of both molecular mechanisms are additive [46] . In the case of PMMA, it should be noted that each process possesses its own characteristic activation energy, implying that curves measured at different temperatures will no longer coincide with horizontal shifting. A correct translation to another temperatures can only be achieved by application of rate-temperature superposition on each contribution separately: this is generally referred to as thermo-rheologically complex behavior.
Numerical model
In the present study, we employ a 3D elasto-viscoplastic constitutive model that accurately captures the intrinsic deformation characteristics of polymer glasses [21, 23, 39, 47] . The basis of this constitutive model is the decomposition of the total stress into two separate contributions, as first proposed by Haward and Thackray [36] :
Here, p r denotes the strain hardening contribution that is attributed to molecular orientation of the entangled network, described here with a simple Neo-Hookean elastic expression [21, 37] : where G r is the strain hardening modulus andB d the deviatoric part of the isochoric left-Cauchy-Green strain tensor.
The driving stress p s is attributed to intermolecular interactions on a segmental scale [23, 39] and is split into a hydrostatic (p h s ) and a deviatoric part (p d s ) [47, 48] :
where K is the bulk modulus, J is the relative volume change, G is the shear modulus, and B d e is the deviatoric part of the elastic isochoric left Cauchy-Green strain tensor. The evolution of J andB e are implicitly given by
whereB o e is the Jaumann derivative ofB e , D d is the deviatoric part of the rate of deformation tensor. The plastic part of the rate of deformation tensor D p is crucial for adequate evolution of the driving stress, which is related to the deviatoric driving stress by a non-Newtonian flow rule:
A correct expression for the solid state viscosity is essential in obtaining an accurate description of the 3D stress-strain response. For glassy polymers, this choice mainly depends on the number of molecular relaxation mechanisms that contribute to the stress. In the simplest case, only a single molecular mechanism is active, the -process, and an expression for can be obtained by taking the pressure-modified Eyring flow equation [22, 49, 50] as a starting point. In the isothermal case, this leads to
where _ " p represents the equivalent plastic shear rate (
is the equivalent shear stress ( "
), represents the stress dependence of the viscosity governed by the parameter 0 . Part (II), where p is the hydrostatic pressure ( p ¼ À1=3trðpÞ), yields the pressure dependency governed by parameter . Part (III) represents the dependence of viscosity on the thermodynamic state of the material expressed by the state parameter S. Finally, _ 0, r is a pre-exponential factor representative for the rejuvenated, unaged state, where the index refers to the identity of the contributing molecular process. Equation (7) leads to the following expression for the stress-dependence of the solid state viscosity:
Philosophical Magazine 681 where 0,r (¼ 0, = _ 0, r ) is the zero-viscosity for the rejuvenated state. The part between brackets can be regarded as a stress-dependent shift factor, which equals one at equivalent shear stresses lower than 0, and decreases exponentially with increasing equivalent shear stress.
The dependence of the viscosity on physical aging and rejuvenation (strain softening) is included by defining [22] :
Here, parameter S a can be regarded as a state parameter that uniquely determines the current thermodynamic state of the material. Evolution of S a allows us to capture the time-dependent change in mechanical properties as a result of physical aging [22] . In the present investigation, however, we will only consider materials with different initial S a values (obtained by application of different thermal histories). The function R describes the strain softening process, i.e. the erasure of thermal history with plastic deformation. It is expressed as
where r 0 , r 1 and r 2 are fit parameters, and " p denotes the equivalent plastic strain. The initial value of R equals unity and, with increasing equivalent plastic strain, R decreases to zero.
The essence of the influences of physical aging and strain softening, modelled within the state parameter S (Equation (9)), is illustrated in Figure 3a , which shows the strainrate dependence of the yield stress resulting from Equations (8) and (9) . In the reference state, i.e. the fully rejuvenated state, parameter S a will be equal to zero. With physical aging, also taking place during processing, the value of S a will increase, which leads to a shift in the yield stress versus strain rate characteristic along the logarithmic strain rate axis. At a constant strain rate, the result will be an increase in yield stress compared to that of the rejuvenated state. Upon deformation, the increasing equivalent plastic strain " p triggers strain softening (Equation (10)) and the yield stress shifts back to that of the rejuvenated state. As a result, the yield stress drops with increasing strain and the intrinsic stress-strain curve evolves back to that of the rejuvenated state (see Figure 3b) . It is important to note that, in the case of PC, the parameters in the model (see Table 1 [39]) proved to be independent of the molecular weight distribution, and the key parameter, required to adjust for differences in thermal history (illustrated in Figure 1 ), is the initial value of the state parameter S: S a . This parameter can, in principle, be determined directly from the yield stress value of a single tensile test [22, 39] or, if the thermal history during processing is known, be calculated directly [51, 52] .
Equations (7) and (8) both describe a linear increase in yield stress with the logarithm of the strain rate: a situation that can be observed for all glassy polymers, albeit over a limited range of temperature and strain rate. When studied over a sufficiently large range of temperature and strain rate, most glassy polymers reveal a change in slope that is related to the stress contribution of a secondary relaxation mechanism (generally referred to as the -process) [43, 45, 53] . A successful description of such a yield response can be obtained using the Ree-Eyring model [46] , where it is assumed that both molecular relaxation mechanisms act in parallel. This implies that the total stress can be additively decomposed into their individual contributions:
This approach was successfully employed to describe the strainrate dependence of the yield stress of various amorphous and semi-crystalline polymers [44, 45, [53] [54] [55] [56] . An expression for the individual stress contributions can be obtained by rewriting the pressure-modified Eyring flow expression (Equation (7)) in terms of equivalent shear stress:
While the expression for the -contribution is equivalent to that of the -process, there are two amendments. To a first approximation, we assume that the pressure dependence of the -contribution is identical to that of the -process. Moreover, since for the materials under investigation (PC and PMMA), the -contribution is already in its equilibrium state [57] and does not change position during aging, there appears to be no use for a state parameter S a, . The state is fixed by the equilibrium value of _ " 0, ; _ " 0, e . Here, we follow an alternative route, where we capture the slope change in a single viscosity expression. To accomplish this, we first approach the response of the material in the þ -range, where both the -and the -process contribute to the stress, as a single flow process: 
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where again it is assumed that the pressure dependence is identical to that of the -process. Changes in thermodynamic state are captured in the pre-exponential factor _ 0, þ . Equation (13) leads to an expression for the stress-and temperature-dependence of the solid-state viscosity in the þ -range:
and
To obtain a single viscosity function that covers both the -range as well as the þ -range, we define the total viscosity as
A schematic representation of this decomposition is given in Figure 4a . The expression between brackets is again a stress-dependent shift factor. Its value equals one at shear stresses well below 0 , and decreases towards zero with increasing shear stress. An essential consequence of Equation (17) is that the -and the -contribution will both display identical softening. As illustrated in Figure 4b , upon plastic deformation, the yield stress characteristic will shift horizontally along the logarithmic strain rate without any shape change. The materials used in this study were polycarbonate (PC; Makrolon Õ , Bayer) obtained in the form of extruded sheet of 3 mm thickness and poly(methylmetacrylate) (PMMA; Perspex Õ , ICI) obtained in the form of extruded rods of 6 mm diameter.
Sample preparation: PC
For planar extension tests, rectangular samples with a dog-bone-shaped cross-section were milled from the sheet [50] . The testing region has a thickness of 1.7 mm over a length of 10 mm and a width of 50 mm. Owing to the large width-to-length ratio, contraction of the material is constrained, creating a plane strain condition [58] . For simple shear tests, samples similar to those used in the planar tests were used, now with a width of 100 mm instead of 50 mm. With a gauge length of 10 mm, this results in an aspect ratio of 10.
To avoid any influence of orientation effects due to the extrusion process, all samples were taken from the same direction. For uniaxial tensile tests, samples according to ASTM D638 were milled from the extruded sheet. To avoid the influence of a processing-induced yield stress distribution over the thickness of the samples [52] , the tensile bars were milled to a thickness of 1.7 mm, i.e. identical to that of the test section of the samples for planar extension and shear.
To enable a direct comparison between the indentation tests and conventional macroscopic tests, indentation experiments were performed on a cross-section of a planar extension sample. A small specimen was cut from the gauge-section of the sample and subsequently the cross-sectional surface was cryogenically cut, using a microtome, to obtain a smooth surface. Flat-tip indentation tests were performed in the middle of the sample area. For other indentation tests, samples of 10 Â 10 mm were cut from the extruded PC sheet.
To change the thermodynamic state of the material, some of the samples were annealed at 120 C for 48 h in an air-circulated oven and subsequently slowly air-cooled to room temperature.
Sample preparation: PMMA
Cylindrical samples of Ø 6 Â 6 mm were cut from the extruded rod. The end-faces of the cylinders were machined to optical quality employing a precision-turning process with a diamond cutting tool. Indentation and uniaxial compression tests were performed on the same samples. To vary their thermodynamic state, some samples were annealed at 95 C for five days in an air-circulated oven and subsequently slowly air-cooled to room temperature.
Techniques
Indentation experiments were performed using a nanoindenter XP (MTS NanoInstruments, Oak Ridge, TN, USA) under displacement control. The geometry of the tip was a flat-ended cone, chosen for the fact that the elastic and the plastic regions in the Philosophical Magazineload-displacement curve can be clearly distinguished. Unfortunately, this flat-tip geometry has the drawback in that the force-displacement response is very sensitive to tip-sample misalignment. This problem was solved by sample re-alignment using a specially designed alignment tool. Details on the alignment procedure can be found elsewhere [59] . The geometry of the tip was characterized using SEM and AFM and proved to have a tipdiameter of 10 mm (Figure 5a ), a top angle of 72 (see Figure 5b) , and an edge radius of 1 mm (Figure 5b ).
Uniaxial compression tests were performed on a servo-hydraulic MTS Elastomer Testing System 810. The specimens were cylindrical-shaped and compressed under true strain control, at constant true strain rates of 10 -4 to 10 -2 s -1 between two parallel, flat steel plates. Friction between samples and plates was reduced by an empirically optimized method. Onto the sample ends, a thin film of PTFE tape (3M 5480, PTFE skived film tape) was applied and the contact area between steel and tape was lubricated using a 1:1 mixture of liquid soap and water. During the test, no bulging of the sample was observed, indicating that the friction was sufficiently reduced.
Uniaxial and planar tensile tests were performed on a Zwick Z010 tensile tester, at constant linear strain rates of 10 -5 -10 -1 s -1 . Shear tests were performed on a Zwick 1475 at shear rates from 10 -5 to 10 -2 s -1 . Stress-strain curves were recorded and, where appropriate, true stresses were calculated assuming incompressible deformation.
Numerical simulations
Axi-symmetric simulations were performed using MSC Marc/Mentat, a finite element package. The constitutive model, as outlined in Section 2.2, was implemented in this package by means of the user-subroutine HYPELA2. The axi-symmetric mesh consists of 3303 linear quad4 elements, using full integration. The size of the mesh, which is 0.05 Â 0.05 mm, is chosen such that the edges do not influence the stress distribution. The indenter, a flat-ended cone with geometrical specifications as determined by SEM and AFM (see Figure 5) , is modelled as an impenetrable body where no friction between indenter and sample is taken into account. The finite element mesh used for the simulation is shown in Figure 6 . To exclude any mesh-dependence, a stepwise element refinement was performed until the solution converged to a steady, mesh-independent result. To prevent excessive computation times, the mesh refinement was restricted to areas of interest ( Figure 6 ).
4.
Results and discussion 4.1. Thermorheologically simple behavior: PC
Material characterization
In the case of PC, only a single molecular process contributes to the yield stress, which implies that the viscosity function defined in Equation (8) can be applied. Besides the parameters in this expression ( 0,r , 0, , , r 0 , r 1 , r 2 ), the model requires the determination of the strain-hardening modulus G r , the elastic shear modulus G and the bulk modulus K. Most of these parameters can be determined from fitting the results of uniaxial compression tests at different strain rates. A proven strategy is to start by fitting the response of a rejuvenated material (S a ¼ 0) on the strain-hardening regime of the experimental curves, which yields the values for 0, , 0,r and G r . Next, the softening can be added and r 0 , r 1 , r 2 and S a can be determined.
To enable these model simulations, we first need the values of the elastic bulk modulus K, the shear modulus G, and the pressure dependence . The value of K was calculated from the values of the elastic modulus E and the Poisson ratio . The latter were determined in a uniaxial tensile test, yielding values of 2250 MPa for the elastic modulus E and a value of 0.4 for he Poisson ratio [47] . Using the interrelation Philosophical Magazine 687 a value of 3750 MPa was found for the bulk modulus K. In the present, single mode approach, the elastic shear modulus G is first chosen slightly too low such that the predicted yield strain approximately equals that experimentally observed; this facilitates the characterization of the post-yield response. For polycarbonate, a value of G ¼ 320 MPa proved optimal. An excellent method of obtaining pressure dependence is to perform experiments directly under superimposed hydrostatic pressure [60] [61] [62] . Therefore, was determined by numerically predicting the yield data obtained from compression tests at different true strain rates and, finally, from the tensile tests under superimposed hydrostatic pressure, as reported by Christiansen et al. [60] . Figures 7a and b show that an excellent description was obtained using the material parameters given in Table 1 with an initial S a -value of 27.0 for the compression and 34.0 for the yield experiments, representing the difference in thermal history between the two material sets used.
Macro-scale simulations
Since both rejuvenation and aging kinetics proved to be independent of the molecular weight of the polymer, the only unknown parameter in the model is the initial value of the state parameter, S a , which can be directly determined from the yield stress, as measured in a simple tensile test at a single strain rate. This is demonstrated in Figure 8a , which shows the results of uniaxial tensile tests at a strain rate of 10 -3 s -1 , for the as-received polymer sheet as well as for a sample annealed for 48 h at 120 C. As a result of this thermal treatment, the yield stress of the material increased substantially [22, 63, 64] . In both cases, the samples showed necking shortly after reaching the yield stress.
For both thermodynamic states, the S a -value is determined by matching the experimental yield stress with the yield stress of a FEM-simulation using an axisymetric model of a tensile bar with a small imperfection in the middle (for details, see [65] ). The simulations, shown in Figure 8a , yielded S a ¼ 31.7 for the as-received material and S a ¼ 39 for the annealed material. With these values we have now obtained a complete parameter set for both materials. To demonstrate the capability of the model to describe the mechanical response in different loading conditions, we present, in Figure 8b , the strain rate dependence of the yield stress of the as-received material in planar extension, shear and uniaxial extension. The solid lines are predictions of the model, using the parameter set presented in Table 1 with the S a value of 31.7 that was determined in Figure 8a . The predictions were obtained by performing FEM-simulations on the actual sample geometries (see also [39] ). It is clear that an accurate, quantitative description is obtained. In the next section, we will investigate the predictive capabilities of the model in micro-indentation.
Micro-scale simulations
Before we apply the model to numerical simulations of micro-indentation tests, we first have to address an imperfection within the model. In the fitting procedure described above, we employed a shear modulus of 320 MPa, which implies an elastic modulus of 900 MPa, considerably smaller than the 2250 MPa observed in uniaxial extension. In the case of indentation, where the elastic deformation will also significantly contribute at larger depths, the low value of the modulus will lead to a drastic underestimation of the materials' resistance to deformation. The most elegant method to improve the description of the pre-yield behavior is by means of a multimode extension of the present approach. In a previous study, we demonstrated that the pre-yield response can be accurately captured by a parallel arrangement of 18 modes [23] . Unfortunately, this solution would tremendously increase the required computational time. Instead, we chose to simply increase the shear modulus G until the initial slope of the compressive stress-strain curves was properly described. This was achieved with G ¼ 784 MPa. To ensure that the yield and post-yield response remain identical, this change of G subsequently requires an adaption of the rejuvenated zero viscosity 0,r . The resulting new data set is provided in Table 2 .
The consequences of these changes are demonstrated in Figure 9 . Figure 9a shows the influence of an increase in shear modulus G on the compressive stress-strain curve. The initial modulus increases and the strain-at-yield decreases, leading to a shift in the yield 
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and post-yield response to lower strain values. As mentioned before, the value of the yield stress as well as the shape of the post-yield behavior remains unaffected. The influence on the numerical simulation of a flat-tip indentation test is shown in Figure 9b where experimental data of the as-received material is compared to numerical simulations using the S a -value of 31.7 determined previously (Figure 8a ). From Figure 9b , it becomes clear that a correct modulus leads to an accurate, quantitative prediction of the loading path of the indentation test, whereas the low modulus value leads to a large underestimation of the indentation resistance. Figure 9b also shows that the current approach is reasonably successful in capturing the unloading path. We expect that this prediction could even be improved if a multimode approximation would be employed.
In Figure 10d , a characteristic loading curve of an indentation measurement is shown. In this figure, three points are marked: A, B and C. In Figures 10a-c, graphical representations of the development of the plastic deformation under the tip are given for these three points. From the numerical evaluations, it is derived that the plastic deformation starts at the edge of the indenter, as can be seen in Figure 10a , and grows in the form of a hemisphere towards the symmetry axis. This is a result of the fact that stress localizes at the edge of the indenter. Around point B (Figure 10b ), the plastic deformation zone concludes the formation of the hemisphere. From point C onwards (Figure 10c ), this hemisphere then starts to expand in thickness. These results correspond well with experimental observations made by others [11] .
The strength of our approach is further demonstrated in Figure 11 , which shows the influence of thermodynamic state (Figure 11a ) and strain rate (Figure 11b response in a flat-tip indentation test. In Figure 11a , the results of indentation experiments (at a rate of 50 nm/s) on both the annealed and the as-received PC sheet are presented. It is clear that the numerical simulations, employing the S a -values determined in Figure 8a , quantitatively predict the load-displacement curves. The agreement is so precise that the flat-tip indentation test can be used to determine the S a -value of a PC sample with an unknown prior thermal history. To achieve this, the load-displacement curve has to be fitted with a numerical simulation. For PC, the S a -value can be determined in this way, in practice, with an accuracy of AE1 (corresponding to a yield stress inaccuracy of AE1 MPa). The feasibility of characterizing the S a -value from an indentation test is demonstrated in Figure 11b , which presents micro-indentation results at different indentation rates (5, 50 and 200 nm/s). The material indented is a PC, which was annealed for a few hours at 120
C. An S a -value of 34 was determined by fitting the numerical prediction to the loaddisplacement curve of 5 nm/s. The loading curves of the other indentation rates were subsequently simulated with this value. The result is clear: the influence of strain rate is also quantitatively predicted by our model. In the case of PMMA, there are two molecular processes that contribute to the yield stress, which implies that the viscosity function defined in Equation (17) must be applied. This means that, besides the parameters already discussed in the previous section ( 0,r , 0, , , r 0 , r 1 , r 2 , G r , G, and K), we also have to determine the values of 0,þ and 0,þ . For the characterization, we make use of the fact that the -contribution is only present at high strain rates and, therefore, the stress-strain response in the low strain rate range will be determined by the -process only. As a consequence, we can use the same characterization strategy at low strain rates as employed in the previous section for PC. For the elastic properties of PMMA, we used a bulk modulus K of 3 GPa [66] , the appropriate value of the shear modulus G was determined to be 760 MPa from the initial slope of the compressive stress-strain curves. To facilitate the fitting procedure, we initially adopted a lower value for G (630 MPa). After characterization of the -parameters, the values for 0,þ and 0,þ are subsequently determined by fitting numerical predictions to the compressive stress-strain curves obtained at higher strain rates ( þ region).
To obtain the true value of the pressure-dependence parameter , we used a method inspired by the work of Bardia and Narasimhan [67] , who employed a spherical indentation test to characterize the pressure sensitivity index of the Drucker-Prager constitutive model. Here, we follow a similar route. Since the compression tests and the indentation tests were performed on the same sample, the S a value is identical in both cases. In the -range, the only unknown parameter is, therefore, the pressure dependence . Similar to the approach for polycarbonate, we again generated different parameter sets by fitting the compression data for different values of . Here, it should be noted that each set described the compressive stress-strain curves equally well (Figure 12a ). With these data sets, we subsequently predicted the load-deformation curve for an indentation rate of 5 nm/s (see Figure 12b ) and found that a value of ¼ 0.13 is in good agreement with the experiment. The complete data sets, used for the predictions in Figure 12 Table 3 (compression) and Table 4 (indentation). The corresponding S a value was determined to be 7.4. Finally, indentation tests were performed at indentation rates of 5, 10, 20 and 40 nm/s. The results are compared to numerical predictions (employing the parameters listed in Table 4 ) in Figure 13a . It is clear that our numerical predictions are in excellent agreement with the pronounced rate-dependence observed in the experimental force-displacement curves. To demonstrate the presence of a -contribution in the indentation response, we performed simulations of indentation tests at rates of 0.1 and 40 nm/s, with, as well as without, a -contribution (this implies 0,þ ¼ 0). The results are presented in Figure 13b and show that, at low indentation rate (0.1 nm/s), the -contribution is negligible, whereas at higher rates a significant contribution is visible. Philosophical Magazine 693
Conclusion
In the plastic regime, glassy polymers possess a rather complex intrinsic behavior, with a pronounced pressure-and rate-dependence of the yield stress as well as a post-yield region displaying both strain softening and strain hardening. We employed a state-of-the-art constitutive model, previously developed in our group, which describes this intrinsic behavior, to numerically predict the indentation response. In the model, a single parameter, the state parameter S a , is used to uniquely determine the initial yield stress of the material and capture all variations in its thermal history. We demonstrated that this model can capture the rate-and history-dependence of PC and PMMA on both the macroscopic and microscopic scale. The obtained accuracy of the description also creates the possibility of extracting the state parameter S a directly from micro-indentation experiments. This offers interesting possibilities with respect to quality control of loadbearing polymer products. Moreover, it was found that the pressure dependence of the yield stress can also be obtained by combining indentation and compression tests on the same samples. 
